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III-V nanostructures are widely researched for applications in dislocation-resistant light emitters 
for photonic integrated circuits, quantum computing and single photon emitters. The 0D 
nanostructures include quantum dots (QDs), dot in a well (DWELLs), sub-monolayer QDs and 
droplet epitaxy QDs, while 1D elongated structures include quantum dashes and nanowires (NWs). 
The optical properties of nanostructures can be controlled through size, composition, strain and 
band-offsets during epitaxial growth and can be tailored precisely to emit light with photon 
energies suited to the application, spanning 0.2-2.0 eV. This thesis explores two novel QD based 
light emitters in the visible and near-infrared wavelength regime. In the first part of the thesis, we 
demonstrate the growth and characterization of tensile strained Ge QDs and Ge NWs phase 
segregated in the III-V matrix via Volmer-Weber growth mode emitting at 1200 nm. The second 
part of the thesis demonstrates the dislocation tolerance of compressively strained InP QDs grown 
on lattice-matched GaAs and lattice-mismatched Si substrate via Stranski-Krastanov growth mode 
emitting at 713 nm. 
The first part of the thesis explores the growth of tensile strained Ge QDs and NWs phase 
segregated in the III-V matrix. Epitaxial growth of phase segregated Ge nanostructures embedded 
within III-V compound semiconductors is a promising way to achieve a high biaxial tensile strain 
along with precise control of nanostructure density, size and morphology. Here we demonstrate 
growth of phase-segregated Ge quantum dots (QDs) and compare them to our previously reported 
Ge nanowires (NWs); both are strained to an In0.52Al0.48As matrix with a high biaxial tensile strain 
of 3.6%. Despite the similar growth conditions, there exist pronounced differences in the lateral 
size and planar density of Ge QDs and Ge NWs, with Ge QDs showing significantly larger size, 
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lower density and structural anisotropy along the in-plane [11̅0] direction. In addition to the 
difference in morphology, Ge QDs are shown to be more prone to plastic relaxation by formation 
of dislocations and stacking faults, which we attribute to their larger in-plane size. Finally, tensile 
Ge QDs are shown to exhibit strong room-temperature photoluminescence at 1176 nm, which is 
blueshifted from the case of Ge NWs. 
In the second part of the thesis, we demonstrate epitaxial InP QDs on GaAs on Si virtual substrates 
with room-temperature photoluminescence (PL) intensity nearly identical to those grown on GaAs 
substrates. The similarity in PL characteristics is remarkable considering that the active region on 
the GaAs/Si virtual substrate has a threading dislocation density (TDD) of ~3107 cm-2, as 
compared to the bulk GaAs substrate with TDD < 5103 cm-2. In contrast, the InGaP quantum well 
grown on GaAs/Si virtual substrate shows a 10× reduction in integrated PL intensity due to the 
presence of dislocations. The dislocation resistance of InP QDs arises from the high QD density 
of ~1.3×1010 cm-2 and low lateral diffusivity of carriers due to high quantum confinement in the 
QDs. We also demonstrate the effect of annealing on the optical and structural properties of InP 
QDs on GaAs. PL measurements show > 50× improvement in the luminescence intensity of InP 
QDs annealed at ~700⁰C for 100 minutes without observable structural degradation or blue-shift 
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Semiconductor quantum dots (QDs) are ideal active regions for emitters grown using lattice 
mismatched epitaxy. The density of states of semiconductors depends on the dimensions of the 
structure in the reciprocal space. Bulk semiconductor films represent 3D structures and have a 
density of states with a √𝐸 dependence. As the dimensionality of the semiconductor reduces from 
bulk to quantum wells (QW) and QDs, the allowed energy states for the carriers are discretized 
leading to abrupt changes in the density of states. Figure 1 shows the comparison of density of 
states of QW and QD, with QW showing a step like density of states compared to the delta-like 
 
Figure 1: Schematic showing a comparison of density of states, discretized energy levels and 
dependence of carrier density on temperature for QWs and QDs 
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density of states of the QDs. Furthermore, the QW has confinement of carriers in the growth 
direction while the carriers are free in-plane which leads to parabolic dispersion in-plane with 
discreet energy levels out of plane. In comparison, the QDs have carrier confinement in all three 
directions which leads to discreet energy levels in all directions. Because of delta-like density of 
states, the temperature sensitivity of change in carrier concentration and device characteristics such 
as the threshold current density is low for QD emitters compared to QW light emitters. The growth 
of QDs allows for accommodation of high compressive and tensile strain in comparison to QWs 
which are limited by critical thickness and thus form misfit dislocations which serve as non-
radiative recombination centers. The higher incorporation of strain in the QDs reduces the 
threshold current density and increases the modal gain. QDs also offer high quantum confinement 
of carriers leading to low carrier diffusivity, a property useful for lattice mismatched epitaxy [1]. 
Due to the high density of the QDs in comparison to threading dislocations, QDs make for ideal 
light emitters. Due to the low carrier diffusivity and high confinement in the QD layer, fewer 
carriers sample the threading dislocations compared to a planar QW film, making QDs more 
resistant to dislocations. 
QDs can be grown using Stranski-Krastanov and Volmer-Weber growth modes, the two growth 
modes which form 3D islands coherently strained under specific growth conditions. Figure 2 
shows the three growth modes for thin films: Frank van-der Merwe (Fig. 2(a)), Stranski-Krastanov 
(Fig. 2(b)) and Volmer Weber (Fig. 2(c)) growth mode [2]. In Frank van-der Merwe growth, planar 
layers grow due to the high adatom-surface interaction, used in this thesis for the growth of planar 
double heterostructures and QW samples. Stranski-Krastanov growth mode was used to grow self-
assembled InP QDs. The growth initiates as a pseudomorphic 2D strained layer which is followed 
by 3D island growth. The critical thickness for 2D to 3D transition depends on the magnitude of 
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strain. The transition can be precisely observed in molecular beam epitaxy (MBE) using an in-situ 
surface characterization technique called reflection high energy electron diffraction (RHEED). The 
2D planar layer growth can be characterized by a streaky RHEED pattern and the pattern turns 
spotty on the onset of 3D QD growth. Formation of defect-free QDs by Stranski-Krastanov 
requires a precise control over the growth conditions as the growth window for the formation of 
QDs is narrow. The QD growth depends highly on the growth kinetics which are affected by 
growth temperature, growth rate, thickness of deposition, properties of the growth surface and the 
growth conditions of the capping layer for PL structures. Volmer Weber growth mode, in contrast 
to Stranski-Krastanov growth mode, does not involve the growth of a pseudomorphic 2D strained 
layer. The adatom-adatom interaction in Volmer-Weber growth is much stronger than the adatom-
surface interaction and thus, no wetting layer is observed. In this thesis, InP QDs were grown using 
the Stranski-Krastanov growth and Ge QDs were grown using the Volmer-Weber growth. 
This thesis discusses the growth and characterization of compressive and tensile strained QDs 
grown using MBE for visible-near infrared light emission. Chapter 2 discusses and explains the 
growth and characterization techniques used in the thesis. Chapter 3 describes the growth and 
characterization of the 3.6% tensile strained Ge QDs phase segregated in In0.52Al0.48As (InAlAs 
 
Figure 2: Schematic of three growth modes: (a) Frank van-der Merwe growth, (b) Stranski-
Krastanov growth and (c) Volmer Weber growth mode 
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hereafter) matrix lattice matched to InP and a comparison with phase segregated Ge nanowires 
grown under the same growth conditions.  Chapter 4 describes the growth and characterization of 
compressively strained InP QDs grown on GaAs and Si showing the dislocation tolerance of the 
QDs in comparison to InGaP QW grown on both substrates. Further, we describe the role of post 
growth annealing temperature and time on the structural and optical properties of InP QDs grown 
on GaAs and Si. Chapter 5 then concludes the work presented in the thesis and provides directions 
for future work. 
1.1 Phase segregation of Ge in III-V compound semiconductors 
 
Heterovalent epitaxy involving systems with different lattice structures or low mutual solubility 
can be used to form embedded nanoparticles and nanorods using surface mediated phase 
segregation without nucleation of extended defects. ErAs and ErSb rare-earth (RE) monopnictides 
grown on or embedded in III-V matrices are shown to form nanostructures rather than growing 
planar films. RE-V materials are typically semi-metals with rock salt crystal structure [3-5]. Layer 
growth is avoided as differing lattice symmetries and surface energy of rock salt and zinc blende 
can lead to formation of anti-phase defects and stacking faults. Thus, the RE-V phase forms in the 
III-V matrix due to the low solid solubility of the two phases. The morphology of the RE-V 
nanostructures can be controlled through growth kinetics, without nucleation of defects while 
maintaining smooth surface morphology.  
5 
 
Similar to RE-V compounds in III-V materials, Ge in most III-Vs has a low solid solubility of 
<<0.1% at typical growth conditions due to valence mismatch and the violation of the octet rule 
for III-V and IV-V bonds. Figure 3 shows the phase diagram of Ge in InP (left) and GaAs (right) 
with negligible mutual solid solubility at low temperatures ~500-600⁰C [6]. Phase segregation of 
Ge in the III-V matrix with a larger lattice constant can impart substantial tensile strain into Ge 
nanostructures. We used InAlAs matrix lattice matched to InP for the growth of phase segregated 
Ge nanostructures, with a potential of incorporating 3.6% biaxial tensile strain into Ge.  
Jung et al. demonstrated growth and characterization of Ge NWs in InAlAs matrix grown using 
MBE [7]. The authors showed that the morphology of Ge NWs can be controlled using growth 
conditions such as growth temperature, growth rate and Ge flux. Growth temperature lower than 
460oC suppresses the formation of NWs. As the temperature is increased, the density of the NWs 
decreases accompanied by an increase in size, as higher temperature increases the adatom mobility 
on the surface. Similarly, a lower growth rate reduces the density and increases the size of the 
NWs. Thus, the growth conditions enhancing the Ge adatom mobility on the surface lead to the 
 
Figure 3: Phase diagram of Ge in InP (left) and GaAs (right) showing low mutual solid solubility at 
low Ge content and low temperatures [6] 
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formation of less dense, larger and elongated nanostructures with a higher purity. Ge flux can also 
be used to control the density of NWs; however, high Ge flux leads to nucleation of lattice defects. 
Using the concept of surface-mediated phase segregation of Ge in InAlAs, we wanted to explore 
the possibility of forming Ge QDs to study the differences and similarities in the structural and 
optical properties of Ge QDs in contrast to Ge NWs. 
1.2 Visible InP QD light emitters 
 
Silicon photonics is a fast-growing technology utilizing large-area low-cost silicon substrates for 
manufacturing highly efficient photonic-integrated circuits (PIC) in a silicon foundry. Emergent 
applications utilizing Si PIC include the development of low-cost interconnects, sensing, medical 
diagnostics and LIDAR among various others [8]. For the wide variety of applications, there is a 
need to develop active and passive components integrated on Si. In comparison to GaAs or InP, 
Si can afford more than an order of magnitude reduction in price per unit area with a high yield.  
One of the major challenges in the field of Si photonic circuits is the development of efficient light 
emitters on Si. Si PICs involve the generation of photons using a light source, manipulation of the 
generated light via its amplitude, phase polarization and detection of light using a photodetector 
[9]. Si is an inefficient light emitter due to the indirect bandgap, leading to the need of utilizing 
integration of alternate direct bandgap materials on Si as the gain region. III-V compound 
semiconductors are an attractive choice of material due to the high achievable modal gain with the 
ability to tune the emission wavelength via bandgap engineering and the possibility to grow 
quantum confined structures using growth techniques such as MBE or metal-organic chemical 
vapor deposition (MOCVD). Approaches to integrate III-V lasers on Si include wafer bonding, 
direct epitaxial growth, strained Ge or GeSn alloys and RE doping of Si waveguides [10]. Most of 
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III-V lasers integrated on Si have used wafer bonded III-V layers grown on native substrates. The 
approach yields impressive device results, but it involves the use of costly III-V substrates along 
with a limitation in the maximum size of bonding limited by the size of the III-V substrate. 
Using direct growth of III-V on Si leads to formation of lattice defects such as threading 
dislocations which impede device performance. However, as discussed earlier, high density QD 
active region with high quantum confinement can provide dislocation tolerance to the integrated 
III-V active region on Si. InAs QD lasers on Si have achieved low threshold current density despite 
the presence of threading dislocations, with emission wavelength in the telecom wavelength 
regime [11-13]. During direct epitaxy of III-V on Si, large threading dislocation density results as 
a consequence of lattice and thermal mismatch between the III-V compound semiconductors and 
Si substrate. Furthermore, polarity mismatch leads to presence of anti-phase defects; this issue has 
nonetheless, been resolved by NaAsPIII/V GmbH. The reduction in threading dislocation density 
(TDD) during direct growth of III-V on Si involves growth of a thick buffer layer, thermal cycle 
annealing and/or strained superlattices for generating adequate device quality layers. Room-
temperature QW lasers on Si have been demonstrated, however, the laser still suffers from high 
threshold current density and poor reliability due to the high TDD, dislocation climb and rough 
surfaces from strained heteroepitaxial growth front [14]. The issue is worsened as the strain in the 
active region increases. InAs/GaAs QDs have been used to demonstrate low threshold lasers on Si 
due to the high QD density, low lateral carrier mobility due to efficient charge capture and high 
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confinement (Fig. 4). To develop lasers on Si for a wide wavelength range, there is a need for 
extending and investigating dislocation resistance for shorter and longer wavelengths.  
This thesis discusses about InP QDs grown on GaAs and Si for visible QD based light emitters. 
InP/InGaP QDs first grown using MOCVD showed severe bimodality and presence of defects. 
The first report of InP/InGaP QDs grown using MOCVD showed that three types of QDs were 
observed after growth: type A QDs which nucleated in a short time after the start (0.6s) of the 
growth and type B and type C QDs which nucleated after a longer time (2.3s). Type C QDs had a 
height of 120 nm depending on the number of monolayers (ML) deposited and were dislocated. 
Furthermore, the authors showed that the size of the QDs was highly dependent on the surface 
properties of the matrix underneath which serves as a growth surface for the QDs. No tunability in 
the PL emission spectrum was demonstrated using MOCVD  [15]. 
Growth of InP/InGaP QDs using MBE enabled a precise control over the deposition rate and 
thickness. Eberl et al. studied the dependence of optical properties of InP/InGaP QDs as a function 
 
Figure 4: Schematic showing the dislocation tolerance of QD based emitters (b) in comparison to 
QW emitters (a) 
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of the deposition thickness. The authors observed that with increasing the deposition thickness, 
the emission energy decreases. Higher deposition thickness increases the QD size which reduces 
the quantum confinement resulting in a redshift in the PL spectrum [16]. Furthermore, PL intensity 
increases with deposition thickness due to higher amount of material demonstrated, however, the 
intensity falls abruptly after deposition of 7 MLs due to the presence of dislocations due to the 
high strain, which relax the QDs and serve as non-radiative recombination centers. An optimized 
growth rate of 0.25 ML/s and 3 MLs of InP QDs was used to demonstrate a QD density of 5×1010 
cm-2 and demonstrate the first InP/InGaP QD optically pumped lasers with a threshold power 
density of 25 kW/cm2 using MBE [17]. 
After the demonstration of optically pumped InP/InGaP QD lasers, the first demonstration of 
InP/InGaP QD injection lasers were grown using MBE by utilizing multiple quantum dot (MQD) 
structure [18]. The MQD active region was used to increase the gain volume and improving PL 
linewidth due to the vertical alignment of QDs and electrical coupling between the vertically 
aligned QDs. The PL linewidth observed by the authors was 41 meV at 8K. Improving the PL 
linewidth is the key for low-threshold QD lasers as it correlates with the QD size inhomogeneity. 
Introducing more active region layers improves the optical confinement, thus reducing the 
threshold current density. Furthermore, the PL line width improves as growth of MQD layers lead 
to preferential nucleation of new QDs due to the presence of strain field due to the QD layers 
underneath. The preferential nucleation aligns the QDs and improves the size homogeneity.      
Eberl et al. reported the first room temperature pulsed injection lasing from InP/InGaP QDs grown 
using MBE employing a three-layer InP MQD structure optimized for the maximum PL intensity 
[19]. The laser threshold at room temperature was observed to be 2300 A/cm2 for 2 mm devices, 
with external quantum efficiency of 8.5% and higher than 250 mW of power under pulsed 
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operation. The authors used InGaP waveguide and Al0.51In0.49P (AlInP hereafter) clad doped with 
Be and Si. The emission was observed at 1.7 eV corresponding to the InP QD ground state 
emission, using a 3.3 ML InP MQD structure separated by 4 nm InGaP barriers.  
MOCVD growth of InP QDs was explored in the early 2000s, however, InP growth on InGaP 
proved to be difficult due to the formation of large dislocated QDs. Dupuis et al. found that the 
growth of InP QDs on Al rich surface can dramatically increase the QD density while reducing the 
number of dislocated QDs, leading to low-threshold InP/(AlxGa1-x)0.52In0.48P QD lasers [20]. The 
growth of InP QDs on AlInP demonstrated a QD density on the order of 1010 cm-2 using MOCVD. 
The difference in the surface energy of Al-P and Ga-P leads to low adatom mobility of the 
incoming In atoms leading to a smaller QD size and high density. The QD density also showed a 
strong dependence on temperature with an abrupt increase at growth temperature of 650oC. 
Furthermore, the properties of QDs depend on the growth temperature and V/III ratio of the 
underneath surface. For the first time, tunable PL was demonstrated for InP QDs grown using 
MOCVD using an Al-rich matrix material 
Despite the increased QD density on AlInP, the optical properties of InP QDs grown using 
MOCVD were not optimum due to the indirect bandgap of AlInP. The optical properties of InP 
QDs were improved using (AlxGa1-x)0.52In0.48P as the matrix the Al rich quaternary compound can 
be lattice matched to GaAs while still having a direct, tunable bandgap which improves the optical 
properties while still maintaining a high QD density [21]. Dupuis et al. and Holonyak et al. showed 
a high QD density can be maintained on (AlxGa1-x)0.52In0.48P surface. Furthermore, as            
(AlxGa1-x)0.52In0.48P is a quaternary III-V semiconductor, it can be lattice matched to GaAs while 
still changing the bandgap independently. Thus, the emission wavelength of the QDs can be tuned 
as the band offset changes. Michler et al. showed a tunable wavelength across 150 nm from green 
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to red by changing the Al content in the (AlxGa1-x)0.52In0.48P matrix with the highest emission 
intensity observed by using the direct bandgap (AlxGa1-x)0.52In0.48P with the largest bandgap 
corresponding to 25% Al content.  
Growth of InP QDs using MOCVD involved growth on (AlxGa1-x)0.52In0.48P surfaces and 
optimizing growth conditions, high growth temperature and optimized V/III for QDs and matrix 
materials. The growth approach was then used to develop low-threshold visible                
InP/(AlxGa1-x)0.52In0.48P QD lasers by utilizing the QD in a well (QDWELL) structure. Lowest 
threshold current density edge emitting laser was demonstrated by Smowton et al. who utilized 
InP QDs buried within (AlxGa1-x)0.52In0.48P waveguide and capped with InGaP QW forming a 
QDWELL structure [22]. The authors used AlInP cladding layers for optical confinement, with a 
five-layer MQD structure to improve the overlap of optical mode with the active region; the lasers 
show a threshold current density of 190 A/cm2. The shortest wavelength InP QD edge emitting 
laser was developed by Dupuis et al. lasing at 634 nm [23]. To reduce the emission wavelength of 
the active region, the InP QDs were coupled to an InGaP QW via tunneling. The composition and 
thickness of the InGaP QW were carefully designed, in order to align the ground state of the QW 
with the excited state of InP QDs. The QW and QD layers were separated by a 2 nm high bandgap 
(AlxGa1-x)0.52In0.48P tunneling layer. The carriers excited to the ground state of the InGaP layer 
tunnel through the (AlxGa1-x)0.52In0.48P layer to the second excited state of the QDs where the 
carriers recombine, thus emitting at a shorter wavelength, corresponding to emission at 634 nm. 
The efforts for the development of InP QD lasers using MBE involved the use of InGaP matrix, 
thus, no wavelength tunability has been demonstrated with engineering the matrix material 
composition. In this thesis, we aim toward using (Al0.3Ga0.7)0.52In0.48P (AlGaInP hereafter) matrix 
for InP QDs, study the optical and structural properties as a function of growth conditions. MBE 
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growth phosphides contain point defects and the material quality can be improved using rapid 
thermal annealing.  In this work, we study the effect of annealing on the optical and structural 
properties of InP QDs grown in AlGaInP matrix grown on GaAs using MBE [24]. We further 
extend the work by developing the first visible InP QD based emitters on Si using GaAsP graded 
buffers. InP QDs show a high dislocation tolerance, despite the high TDD on Si compared to 
lattice-matched GaAs. The thesis shows preliminary studies toward comparison of dislocation 






















CHAPTER 2  
MATERIAL GROWTH AND CHARACTERIZATION TECHNIQUES 
  
 
The samples were grown using a Veeco Mod Gen II molecular beam epitaxy (MBE). Figure 5 
shows a schematic of the growth chamber where the material growth takes place [25]. The MBE 
in the Lee group has three chambers including an intro chamber, buffer chamber and growth 
chamber. The intro chamber is pumped using a turbomolecular pump backed by a scroll pump. 
The intro chamber is usually vented to atmosphere using nitrogen to load the semiconductor 
substrates using a molybdenum block and an adapting plate. After loading the sample, the intro 
chamber is pumped down and baked overnight. The sample is then transferred to the buffer 
 
Figure 5: Schematic of Veeco Mod Gen II MBE growth chamber showing the substrate heater, 
in-situ measurement techniques, effusion cells and ionization gauge [25] 
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chamber which is pumped by an ion pump. In the buffer chamber, the block is transferred to a 
heating station which is used to heat the sample to 300⁰C to remove organics and contaminants 
from the surface. Under the idle state, the growth chamber is pumped using an ion pump and a 
cryopump cooled by compressed helium. Furthermore, the growth chamber has a cryogenic shroud 
filled with liquid nitrogen to maintain a low pressure. After the buffer bake, the block is transferred 
to the continuous-azimuthal-rotator (CAR) inside the growth chamber which then faces the 
effusion cells for material deposition. The cells are heated to measure the desired fluxes before 
transferring the substrate to the growth chamber using a beam flux monitor installed behind the 
CAR. During growth, shutters are used to expose the substrate to the incident beam flux from the 
effusion cells to grow films of desired thickness and composition. To monitor the surface-
reconstruction in real-time, reflection high-energy electron diffraction system installed in the 
growth chamber is used during growth. 
The Lee group MBE system at UIUC is equipped with effusion cells for In, Al and Ga, valve 
crackers for As2 and P2, and dopant sources for Si, Be, Te, Ge and CBr4. The source materials have 
 




a purity >99.99999% and are contained in separate crucible made from pyrolytic boron nitride due 
to the low vapor pressure of the material.  
2.1 Nomarski microscopy 
 
As a first characterization step for all the samples grown and discussed in this thesis, we used 
Nomarski optical microscope to study the surface roughness which is indicative of the growth 
window of the material. The Nomarski microscopy enables high-resolution imaging of surface 
features in the vertical dimension, while the lateral resolution is limited by typical visible light 
diffraction limit  ~200 nm. Figure 6 shows the schematic of the Nomarski optical microscope. 
Unpolarized light is polarized through a polarizer which then goes through the Nomarski prism 
and is separated into two light beams polarized 90 degrees to each other. Height difference of 
features on the sample surface causes different path lengths leading to change in phase of one ray 
to the other. Thus, Nomarski utilizes the differential interference contrast due to the optical path 
difference to a achieve high resolution image of surface features in the out-of-plane direction. The 
reflected light from the surface enters and recombines at the prism into one ray that experiences 
either constructive or destructive interference [26]. 
 
Figure 7: Nomarski optical micrographs showing the surface morphology of AlGaInP double 
heterostructure grown at (a) 480⁰C and (b) 500⁰C; Nomarski microscopy is a quick feedback 
technique of identifying the growth window for III-V materials  
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Figure 7 shows a comparison of Nomarski micrographs of two AlGaInP double heterostructure 
samples grown at 480⁰C (Fig. 7(a)) and 500⁰C (Fig. 7(b)). The sample grown at 500oC was outside 
the growth window of AlGaInP which led to a very rough surface and thus not suitable for further 
experiments. We used the quick feedback from Nomarski images to design the next growth with 
a lower growth temperature of 480⁰C which had a smooth surface morphology (Fig. 7(a)) and was 
subsequently used to the growth of InP QD PL structures as will be discussed later in Chapter 4.  
 
2.2 Atomic force microscopy 
 
The Nomarski microscopy is used to study the surface roughness; however, the resolution of the 
Nomarski microscopy is not high enough to characterize the density and dimensions of 
nanostructures grown at the surface. We used AFM to quantify the size and density of QDs grown 
on the surface of the PL structures and the effect of growth conditions on the structural 
characteristics of surface dots. Furthermore, AFM was also used to study the surface roughness of 
 




the GaAsP graded buffer which was used to grow InP QDs on Si to understand the dislocation 
tolerance of the QDs. We used AFM as a first check of the homogeneity of the QDs. It must be 
noted that the shape, size and density of the QDs changes after capping the QDs and throughout 
the growth of subsequent layers.  
Figure 8 shows a schematic of AFM with the cantilever operating under the tapping mode. AFM 
can be performed under two basic imaging modes: tapping mode and contact mode. Contact mode 
typically leaves scratches on the sample surface as the tip is dragged on the surface. We used 
Nanoscope IIIa AFM under the tapping mode to image the QD samples. In the tapping mode, the 
AFM probe is forced to operate under the oscillation frequency. When the tip is brought close to 
the surface, the oscillation changes due to interaction between the surface and the tip. A laser 
 
Figure 9: Schematic of HRXRD showing the symmetric scan (left) used to determine the tilt and 
asymmetric scan (right) used to determine the in and out of plane lattice constant [27] 
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source hitting the cantilever is used and is reflected into an array of photodetectors to detect the 
deflection of the tip to form the image.  
2.3 High-resolution X-ray diffractometry 
 
High-resolution X-ray diffractometry is a powerful tool that can be used to characterize the 
composition, tilt, strain and crystalline quality of III-V epitaxial films. In this work, we used 
HRXRD to characterize the lattice mismatch of AlGaInP, InGaP and AlInP films grown on GaAs 
substrate. Figure 9 shows the schematic of a typical HRXRD measurement using 
1.54 Å electromagnetic radiation emitted from a Cu source bombarded by electrons. Highly 
collimated X-rays are incident on a semiconductor thin film and are diffracted according to the 
Bragg’s law: 
𝑛𝜆 = 2𝑑 sin 𝜃 
Where n represents order of diffraction, d represents distance between the planes, 𝜃  represents the 
angle between the plane and incident X-rays and 𝜆 represents the X-ray wavelength. Usually,         
X-ray line scans do not provide enough information about the tilt and in/out-of-plane lattice 
constant [27], We used (004) symmetric and (115) asymmetric reciprocal space maps (RSM) for 
characterizing the film properties. Symmetric (004) scans provide information about the tilt of the 
epitaxial film with respect to the substrate. For samples like InGaP QW on GaAs, with 
pseudomorphically strained and lattice matched films, symmetric (004) RSM and line-scans can 
provide enough information due to lack of plastic relaxation. However, for samples utilizing 
GaAsP graded buffers, asymmetric (115) RSMs and line-scans provide information about degree 
of relaxation and composition. Using the equations described below, the composition, tilt and 
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where 𝜃𝐵,115 is the substrate Bragg angle, Δ𝜃115 is the angular separation between the (11%) 
substrate peak which is positive for tensile strained film and negative for compressively strained 
film, 𝜙 is the angle between the (004) and (115) planes, Δ𝜔115 is the omega separation between 
the film and substrate peak in the (115) scan and Δ𝜔004 is the omega separation between the film 
and substrate peak in the (004) scan and is generally a measure of the film tilt. 
We used Phillips X’Pert for measuring both symmetric and asymmetric X-ray line scans and RSM 
for all the samples. For QW samples, we used X’Pert Epitaxy software to simulate the QW (004) 
line-scans to calculate film thickness and composition which was later verified by the PL spectrum 
by calculating the QW emission energy, using the values simulated by X-ray line-scans. Line-
scans usually take several minutes while the RSM takes several hours; the intensity is usually 






Figure 10 shows the process of PL in a semiconductor material with a direct bandgap. A laser with 
emission energy higher than the bandgap of the active region of the material shines on the sample 
surface and the incident photons excite electrons from the valence band to the conduction band 
while conserving the momentum. The excited electrons then thermalize to the minima of the 
conduction band and recombine with holes at the maxima of the valence band to emit photons with 
energy equal to the bandgap of the material. For quantum emitters, the electrons and holes reside 
at the quantized energy levels and recombine to produce light greater than the bandgap and equal 
to the difference between the energy in ground state of the conduction band and valence band 
under low-excitation. The main characteristics that can be observed with PL include peak intensity, 
integrated intensity, full width at half maximum (FWHM) and the emission wavelength. The 
characteristics observed using PL are closely related to the structural properties of the active region 
and are indicative of the optical quality as luminescence occurs because of quasi-Fermi energy 
splitting due to the incident light field.  
 
Figure 10: Schematic showing the mechanism in PL experiments with carrier generation, 
thermalization and emission [27] 
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For QD light emitters, 5 PL characteristics that can be probed using a combination of low and 
high-power measurements are often found to be desirable: 
(1) Under low excitation, high ground state peak intensity is indicative of low defect density 
and high radiative efficiency. 
(2) Under low excitation, narrow PL linewidth corresponds to high QD size homogeneity. 
Inhomogeneous broadening due to size distribution of the QDs leads to emission at 
multiple closely space wavelengths which increases the FWHM. 
(3) Under high excitation, high ground state peak intensity is desirable. Devices are usually 
operated at high current density, it is desirable that the highest emission intensity 
corresponds to the ground state in comparison to emission from the matrix material, excited 
state or wetting layer emission. 
(4) Low wetting layer peak intensity under high excitation is desirable and indicative of 
efficient carrier transport and high carrier confinement in the QDs. 
(5) Under high excitation, a large separation between the ground state and excited state peaks 
corresponds to high quantum confinement leading to large separation between the discreet 
energy levels. High confinement potential also reduces the thermal escape of carriers out 
of the QDs under high temperature operation of devices such as lasers. Furthermore, for 
heteroepitaxial lasers on Si, high confinement potential also helps with isolating the carriers 
from threading dislocations generated from heteroepitaxy of lattice mismatched films. 
For PL of Ge QDs phase segregated in InAlAs matrix, we built a PL setup to measure the near-
infrared luminescence. We used a 532 nm laser pump to excite carriers in the nanocomposite film, 
and the signal was detected using a liquid nitrogen cooled Ge point detector wavelength resolved 
using a monochromator. The detected signal was then fed into SRS 830 lock-in amplifier coupled 
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to a chopper operating at a frequency of 25 Hz. A different setup was used to measure the PL of 
InP QDs as the active region of the structure emits in the visible wavelength regime. The samples 
were excited using a 532 nm laser, focused on the sample using a converging lens. The signal from 
InP QDs was detected by a Si CCD array with a fixed grating. 
2.5 Raman spectroscopy 
 
Figure 11 shows a schematic of Raman spectroscopy to characterize the inelastic scattering of 
incident photons due to phonon modes of the material. Raman spectroscopy measures the inelastic 
scattering of an electromagnetic wave in a material where the incident monochromatic coherent 
radiation, preferably a laser, interacts with the phonon modes of the material measured and a 
fraction of light is scattered inelastically by losing or gaining energy referred to as Stokes and anti-
Stokes shift respectively. The scattered light is collected by a spectrometer and the intensity is 
 




plotted as a function of wavenumbers shifted away from the original photon energy. The strain 
state of materials can be characterized using Raman spectroscopy. As the elastic strain alters the 
length of crystalline bonds, the magnitude and type of strain changes the amount of Raman shift 
by inelastic scattering of photons. For this work, we performed Raman spectroscopy using Horiba 
LabRAM HR Raman confocal microscope at room temperature under ambient conditions using a 
532 nm laser focused using a 20X objective and detected using a Si CCD camera.  
2.6 Electron channeling contrast imaging 
 
Electron channeling contrast imaging (ECCI) is a scanning electron microscope (SEM) based 
diffraction technique in which contrast is generated due to deviation from Bragg conditions due to 
the presence of strain field in the lattice. ECCI signal is produced via backscattered electrons in a 
SEM which are sensitive to the presence of defects close to the surface of the sample (~200 nm) 
under certain diffraction conditions. As imaging is done in SEM, ECCI enables imaging defects 
 
Figure 12: ECCI micrographs showing (a) threading dislocations, (b) misfit dislocations and (c) 
stacking fault imaged using diffraction under SEM 
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over a large area typically 100-300 𝜇m2 without the need of sample preparation. To image the 
sample using ECCI, the diffraction conditions need to be set up. The diffraction conditions are 
established using Kikuchi lines representing an electron channeling pattern by tilting and rotating 
the sample in the SEM. The electron channeling pattern is generated by rocking the electron beam 
on the sample, lattice defects are usually imaged at the diffraction condition at the intersection of 
the <220> and <004> Kikuchi lines.  
Figure 12 shows characterization of threading dislocations, misfit dislocations and stacking faults 
using ECCI. As the channeling contrast is generated due to the presence of lattice imperfections, 
including strain, the technique can be used to image strained nanostructures like threading 
dislocations which have a strain field around them.  
We used the JEOL 7000F analytical microscope equipped with a four-quadrant Si backscattered 
electron detector to image the lattice defects and strained nanostructures under specific diffraction 
conditions. 
 






Cathodoluminescence (CL) can also be used for the imaging threading dislocations which appear 
as dark spots contributing to non-radiative recombination in a SEM image. CL is performed using 
a SEM where the electron beam is used to generate electron hole pairs which recombine to generate 
photons. The generated photons are then collected using a parabolic mirror and directed toward a 
Si photomultiplier tube to form an image as the electron beam rasters across the sample.  
Both ECCI and CL can be used to image dislocations; however, both have their own advantages 
and disadvantages. CL can be used to image large sample areas and is usually done at a 
magnification of 5000× for the samples with low to moderate dislocation density. However, the 
contrast generation is limited by the diffusion length of the carriers leading to a lower spatial 
resolution for dislocation imaging in CL of ~ 1µm compared to an ECCI resolution of < 100 nm. 
ECCI on the other hand is more suited for the samples with a high dislocation density due to the 
higher resolution which is limited by the probe size, beam current, accelerating voltage and the 
sensitivity of the detector. ECCI is challenging to perform at a magnification lower than 7000×, 
due to the small size of lattice defects under ECCI, making it more time consuming to obtain an 
accurate threading dislocation density. Imaging using CL requires the material to luminesce 
sufficiently, ECCI, on the other hand, does not require the material to be an efficient emitter. We 
used CL for characterizing the TDD of InP QDs as the material is an efficient emitter in the visible 
wavelength range and possesses a moderate TDD which can be harder to characterize using ECCI. 
Figure 13 shows the Gatan PanCL attached to JEOL 7000F used for imaging threading dislocations 
in the P-emitters grown on Si [28]. We did CL in the panchromatic mode disabling the 
monochromator and collecting all the light from the sample to characterize the TDD.   
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2.8 Transmission electron microscopy 
 
Like HRXRD and ECCI, TEM is a powerful technique to characterize defects and nanostructure 
morphology using diffraction. TEM uses 200 keV electron beam with a de-Broglie wavelength of 
2.5 nm to image the volume of a thing sample with thickness less than 500 nm projected on a 
phosphorous screen or Si CCD camera. The strain contrast for QDs or threading dislocations was 
achieved using the two-beam bright field imaging mode. The image contrast arises from the 
amplitude of the transmitted electrons. In a two-beam bright field image, the diffraction conditions 
are set by tilting the sample to a point where the desired Bragg condition has the maximum 
intensity in the diffraction pattern along with the straight through beam. An objective aperture is 
then inserted to allow just the straight through beam which leads to contrast generation in a bright 
field image.  
In annular dark field STEM imaging, the image is formed by inelastically scattered electrons at a 
high angle collected by the annular detector. Atoms having a higher atomic number lead to the 
generation of more inelastically scattered electrons, so a STEM image is a Z-contrast image like 
the SEM. Furthermore, EDX image can also be acquired as the focused electron beam also 
generated X-rays.  
We used JEOL 2010f LaB6 TEM to image InP and Ge QD samples under the bright field TEM 
mode utilizing two-beam diffraction imaging. Ge nanostructures were imaged using a Tecnai 







CHAPTER 3  
COMPARISON OF TENSILE STRAINED Ge QUANTUM DOTS 




Epitaxial growth of phase segregated Ge nanostructures embedded within III-V compound 
semiconductors is a promising way to achieve a high biaxial tensile strain along with precise 
control of nanostructure density, size and morphology. Here, we demonstrate the growth of phase-
segregated Ge QDs and compare them to our previously reported Ge nanowires (NWs); both are 
strained to an In0.52Al0.48As matrix with a high biaxial tensile strain of 3.6%. Despite the similar 
growth conditions, there exist pronounced differences in the lateral size and planar density of Ge 
QDs and Ge NWs, with Ge QDs showing a significantly larger size, lower density and structural 
anisotropy along the in-plane [11̅0] direction. In addition to the difference in morphology, Ge QDs 
are shown to be more prone to plastic relaxation by formation of dislocations and stacking faults, 
which we attribute to the larger in-plane size. Finally, tensile strained Ge QDs are shown to exhibit 
strong room-temperature photoluminescence at 1176 nm, which is blue-shifted from the case of 
Ge NWs. 
Bulk unstrained Ge is an indirect bandgap semiconductor; however, the direct bandgap of Ge is 
only 0.14 eV above the fundamental gap [29]. The direct gap Γ valley can be lowered in energy 
by applying ~2% biaxial or ~4%  uniaxial tensile strain to Ge (100) [30], turning Ge into a direct 
bandgap semiconductor. Spurred by the theoretical calculations, recent research has focused on 
applying high uniaxial and biaxial tensile strain using both top-down and bottom-up fabrication 
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technique. To utilize the exciting possibilities offered by tensile strained Ge, several top-down 
fabrication techniques based on micromechanical strain engineering such as mechanically strained 
Ge nanomembranes [31-33], microbridges [34] and NWs [35, 36], as well as, bottom-up 
techniques involving growth of epitaxial Ge on GeSn [37-39] and InGaAs buffer layers [40-42] 
have been employed for incorporation of uniaxial or biaxial tensile strain in Ge. As large as 2.33% 
biaxial tensile strain was realized in Ge grown on InGaAs template layers [40]. 
Recently, epitaxial growth of Ge nanostructures on III-V templates has been used as a route to 
incorporate high tensile strain in Ge for light emission. A combination of tensile strain with the 
benefits of nanostructures has been proposed as a new route to realize direct bandgap Ge [43]. 
Zhang et al. [44] demonstrated Ge QDs grown on GaSb substrate with a lattice mismatch of 7.6% 
grown via Stranski-Krastanov growth mode and on InP substrate with a lattice mismatch of 3.7% 
via Volmer Weber growth mode. Jung et al. demonstrated another approach of incorporating 
tensile strain in Ge NWs using surface mediated phase segregation of Ge in III-V materials [7]. 
Ge NWs grown using surface mediated phase segregation allowed growth of 300 nm Ge NWs 
incorporating up to 3.6% tensile strain Ge in epitaxial In0.52Al0.48As (InAlAs hereafter) grown 
using MBE without formation of observable extended defects. The driving force for phase 
separation of Ge in InAlAs was provided by the low mutual solid solubility, and a precise control 
of Ge nanostructure density and morphology was achieved using growth kinetics, including growth 
rate, growth temperature and Ge concentration. The ability to grow defect free tensile strained Ge 
nanostructures using phase segregation of Ge in InAlAs along with having control over the size of 
the nanostructures opens a vast engineering space for the aspect ratio of the nanostructures 
providing the ability to control the optical properties of phase segregated Ge.  
29 
 
In this work, we report the growth of phase segregated Ge QDs in an InAlAs matrix lattice-
matched to InP and compare the structural and optical properties with Ge NWs grown under 
similar conditions. Ge QDs possess a strong structural anisotropy absent in Ge NWs, in addition 
to lower density and larger in-plane size, as observed by plan-view ECCI. Raman spectroscopy of 
Ge QDs indicates a 3.6% biaxial strain tensile at growth rates of 0.2 µm/hr, which is similar to 
what was observed in the case of Ge NWs. However, at a low growth rate of 0.1 µm/hr, the 
tendency for Ge QDs to grow larger in size leads to significant plastic relaxation by the formation 
of dislocations and stacking faults, which was not observed in the case of Ge NWs. Room-
temperature PL from coherently strained Ge QDs is observed from Ge QDs and NWs, with higher 
integrated intensity from the QDs. Taken together, this work demonstrates a new dimension of 
control in tensile strained Ge nanostructures formed by phase segregation in the III-V matrix. 
Growth was conducted using Veeco Modular Gen-II MBE equipped with Ge, In, Al effusion cells 
and an As valve cracker. A 200 nm layer of InAlAs lattice matched to InP was first grown, 
followed by 300 nm of Ge/InAlAs nanocomposite layer at 500⁰C, with a growth rate of 0.2 µm/hr 
 





and 3.6-5.8% Ge concentration. As shown earlier, these conditions lead to a density of             
6×1010 cm-2 for NWs with an average size of 7 nm, typically showing branching as the growth 
proceeds beyond 30 nm. Figure 14(a) shows the growth structure of 300 nm of Ge NWs phase 
segregated in InAlAs, deposited with all shutters opened simultaneously, while for QD growth 
(Fig. 14(b)) the Ge shutter was periodically opened and closed to form 10 layers of 10 nm QD 
superlattices separated by 20 nm of InAlAs. 
Transmission electron microscopy (TEM) and atomic force microscopy (AFM) have been 
traditionally used to study the plan-view morphology of QDs [11, 45]. Electron channeling contrast 
imaging (ECCI) has recently received significant attention for the ability to image dislocations 
[46-49] and buried nanostructures [50], accurately and rapidly in a non-destructive way. Figure 15 
shows the comparison of the plan-view morphology of buried Ge NWs phase segregated in 
In0.52Al0.48As matrix characterized using ECCI (Fig. 15(a)) showing strain contrast, EDX-
PVSTEM (Fig. 15(b)) showing composition contrast and AFM (Fig. 15(c)) showing topology 
contrast, the three techniques reveal similar morphology despite different contrast generation 
mechanisms. JEOL 7000F scanning electron microscope equipped with a backscattered electron 
 
Figure 15: Comparison of plan-view morphology of Ge NWs grown at 0.1𝝁m/hr using (a) ECCI 






detector was used for ECCI operating at 30kV with a probe current of ~4nA under <220> 
diffraction conditions.   
TEM samples were prepared by standard mechanical grinding and consequent Ar ion milling. Ge 
nanostructures were imaged using a Tecnai Osiris microscope operated at 200 kV using ADF-
STEM (camera length 220nm) with EDX elemental mapping. Cross-section TEM images were 
captured using JEOL 2010F transmission electron microscope at 200kV. 
Strain characteristics of Ge QDs and NWs were measured using Horiba LabRAM HR Raman 
confocal microscope at room-temperature under ambient conditions using a 532 nm laser focused 
using a 20× objective lens, the backscattered light was diffracted through a 1800 lines/mm grating 
onto a back-illuminated deep depletion CCD camera. Polarized Raman spectroscopy was 
conducted by installing a half-waveplate to the system and the sample orientation was carefully 
monitored by prior experiments using ECCI to ensure alignment of the anisotropic QDs with the 
laser polarization. 
Optical properties of Ge QDs and NWs were measured using a home built near infrared room-
temperature photoluminescence setup. The samples were optically pumped using 532 nm laser, 
emission was diffracted using a 1200 lines/mm grating and detected using a liquid nitrogen-cooled 
Ge detector coupled with a SRS 830 lock-in amplifier and chopper. 
3.1 Structural properties of phase segregated Ge QDs and Ge NWs in InAlAs matrix 
 
Figure 16 shows the EDX-STEM image of Ge NWs and QDs (green) grown at 0.2 µm/hr at 500⁰C 
phase segregated in InAlAs matrix (black). The EDX-STEM image shows clear formation of NWs 
and QDs, with Ge QDs showing vertical discontinuity in comparison to continuous filament-like 
NWs due to shuttering of Ge during growth. 
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Figure 16(b) also shows an absence of Ge in the InAlAs spacer layer indicating an abruptness of 
phase separation of Ge without transient effects allowing for a precise control of tensile strained 
Ge QD height. Both phase segregated Ge NWs and QDs show Volmer-Weber growth mode 
without the formation of a 2D Ge wetting layer indicating phase segregation occurs immediately 
after Ge atoms are incorporated into the epilayer. In comparison, despite similar growth conditions 
of Ge NWs and QDs, the QDs show a larger size and lower density along the [11̅0] direction in 
the EDX-STEM image. However, the size and density of Ge QDs cannot be precisely quantified 
using cross-section imaging. Cross-section EDX-STEM images confirm that shuttering Ge in 
InAlAs can form tensile strained Ge QD through V-W growth mode with precise control over 
thickness, and using phase segregation, Ge QDs can be grown past the critical thickness. EDX-
STEM of Ge QDs and NWs grown at the same growth conditions in Fig. 16 showed a lower density 
and larger size of QDs compared to NWs, however, plan-view characterization of both samples is 
necessary to quantify the disparity in density and size. 
 
Figure 16: EDX-STEM image of (a) columnar Ge NWs and (b) stacked, vertically-




Figure 17(a,b) show plan-view ECCI micrographs of Ge NWs and QDs phase segregated in 
InAlAs matrix. Figure 17(a) shows Ge NWs with a planar density of 6×1010 cm-2 with a lateral 
diameter of 5-10 nm; the NWs grown at 0.2 µm/hr at 500⁰C do not show any presence of anisotropy 
along a crystallographic direction. In comparison, Fig. 17(b) shows Ge QDs with a planar density 
of 6×109 cm-2 with a lateral size of 30-50 nm. The observations using PV-ECCI are consistent 
with the EDX-STEM images showing a lower density and larger size of Ge QDs compared to Ge 
NWs. Figure 17(b) shows that unlike Ge NWs, Ge QDs are elongated along the [11̅0] direction 
which could be due to the anisotropic adatom diffusion on (001) surface. Despite the similar 
growth conditions, Ge NWs do not show anisotropy in the PV-ECCI images. The NWs, on the 
 
Figure 17: Plan-view ECCI image of (a) Ge NWs and (b) Ge QDs; QDs show a lower density than 
NWs and elongation in the [𝟏?̅?𝟎] direction; (c) BF-XTEM image of single Ge NW showing 
branching as growth proceeds leading to lack of anisotropy 
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other hand, branch as the growth proceeds as shown in Fig. 17(c). Due to the process of shuttering, 
the 10 nm thick QDs do not build up enough thickness to branch as the 300 nm NWs. Due to the 
process of multiple branching events as the growth proceeds, Ge NWs show a higher density and 
smaller size along with a lack of anisotropy compared to Ge QDs despite the similar growth 
conditions; as seen in PV-ECCI (Fig. 17(a,b)) and EDX-STEM (Fig. 16(a,b)) images. 
Raman spectroscopy in Fig. 18 (a) shows that Ge QDs and Ge NWs phase segregated in InAlAs 
matrix have a Raman peak at 284 cm-1, which is strongly shifted from bulk Ge longitudinal optical 
(LO) phonon mode peak at 300 cm-1. The shift in the Raman peak of the Ge nanostructures was 
used to calculate the degree of biaxial strain using the equation, ∆𝜔 = 𝑏 ∙ 𝜖, where ∆𝜔 is the 
phonon peak shift, b is the phonon strain shift coefficient and 𝜖 is the biaxial strain. We adopt         
b = −440 cm-1 for our calculations [51]. The calculated biaxial strain is 3.6%, close to the lattice 
mismatch of 3.72% between Ge and InAlAs indicating a biaxial strain state of the nanostructures 
near the surface. A similar phonon shift was observed at laser excitation wavelengths of 633 nm 
and 785 nm which have a higher penetration depth. Raman spectrum (Fig. 18(a)) also shows two 
additional peaks at 227 cm-1 and 360 cm-1 corresponding to In-As LO and Al-As LO phonon peak 
respectively. As observed in Fig. 17(b), Ge QDs show an elongation along the [11̅0] direction; 
Fig. 18(b) shows that the Raman intensity shows a clear dependence on the angle between the 
Figure 18: (a) Raman spectra of Ge NWs (red) and Ge QDs (blue) showing similar shift of 16cm-1 
compared to bulk Ge; Polarized Raman spectrum of (b) Ge QDs and (c) Ge NWs; Ge QDs showing 




incident laser polarization direction and Ge QD orientation due to the strong structural anisotropy 
of the QDs. Peak Raman intensity shows a minimum when the incident laser polarization direction 
is aligned perpendicular to the direction of anisotropy of the Ge QDs; on the other hand, peak 
Raman intensity shows a maximum when the incident laser polarization direction is aligned 
parallel to the direction of structural anisotropy. Figure 17(a) showed a lack of anisotropy in the 
Ge NWs at the same growth conditions and correspondingly, peak Raman intensity shows a weak 
dependence on the incident laser polarization direction. Raman spectroscopy showed that Ge QDs 
and Ge NWs possess a similar biaxial tensile strain of 3.6%, however, Ge QDs show a strong 
dependence of Raman peak intensity on the incident laser polarization direction due to the 
structural anisotropy observed under PV-ECCI; Ge NWs on the other hand do not show a 
dependence of peak Raman intensity on the incident laser polarization direction due to lack of 




Figure 19: PL comparison of Ge QDs (blue) and Ge NWs (red); QDs show a higher PL intensity 





3.2 Optical properties of phase segregated Ge QDs and Ge NWs in InAlAs matrix 
 
Figure 19 shows the PL comparison of Ge QDs and Ge NWs, with Ge QDs showing a blueshift of 
60 nm compared to Ge NWs. The PL intensity of QDs was 4× brighter compared to Ge NWs at 
the same growth conditions.  The expected bandgap for 3.75% strained Ge is about 0.49 eV for 
gamma-light hole position corresponding to an emission wavelength of 2480 nm, the peak 
observed for Ge NWs and QDs is blue shifted due to quantum confinement effects. Unintentional 
doping of the nanostructures by group III and group V elements might also play a role in the 
blueshift of emission spectrum, further studies are needed. Both the blueshift and higher PL 
intensity of Ge QDs are indicative of higher quantum confinement of the QDs compared to NWs, 
however, complex interaction of 3-D variation in the geometry and inhomogeneity convoluted 
with quantum confinement effect makes it hard to conclusively discern the exact cause of the 
blueshift. The high FWHM in the PL spectra of Ge QDs and Ge NWs is a consequence of 
inhomogeneous broadening due to lateral size variation as seen clearly from EDX-STEM (Fig. 16) 
ECCI (Fig. 17) micrographs. The PL spectrum shows that the NWs and QDs emit close to 1200 
Figure 20: (a) Raman spectrum of 0.1 µm/hr Ge QDs (black) showing a 5 cm-1 wavenumber shift 
in comparison to 0.1 µm/hr Ge NWs (red) and 0.2 µm/hr Ge QDs (blue); (b) BF-XTEM image of 




nm, with QDs showing a blue shifted emission with 4× PL intensity compared to Ge NWs 
indicative of higher quantum confinement in the QDs. 
3.3 Strain relaxation mechanism in phase segregated Ge QDs 
 
 The QD samples grown at 0.2 µm/hr, discussed earlier showed a biaxial tensile strain of 3.6% 
with X-TEM images showing lack of lattice defects. Growth conditions were later varied, and Ge 
QDs were grown at 0.1 µm/hr to study the effect of growth rate on structural properties of Ge QDs. 
Figure 20(a) shows a comparison of Raman spectrum of QDs grown at 0.1 and 0.2 µm/hr with Ge 
NWs grown at 0.1 µm/hr. While Ge QDs grown at 0.2 µm/hr and Ge NWs grown at 0.1 µm/hr 
showed a phonon peak at 284 cm-1, QDs grown at a slower growth rate of 0.1 µm/hr showed a 
phonon peak at 291 cm-1. Raman spectroscopy of Ge QDs grown at 0.1 µm/hr shows a 
wavenumber shift of 5 cm-1 compared to NWs grown at the same growth rate and QDs grown at 
higher growth rate, corresponding to a strain relaxation of 38%. Furthermore, the Raman peak for 
QD sample grown at a lower growth rate shows broadening of the phonon peak compared to fully 
strained Ge NWs at same growth conditions and QDs grown at higher growth rates which is 
reminiscent of defect formation. We conducted further investigation of strain relaxation in Ge QD 
grown at 0.1 µm/hr using X-TEM under two beam conditions as shown in Fig. 20(b). X-TEM 
shows a dense array of stacking faults in the Ge QDs which result in strain relaxation also shown 
in Raman spectroscopy. Tensile strain on (001) surfaces relaxes by formation of 90-degree partial 
dislocations which leave stacking faults as they glide. A reduction in growth rate was seen to 
increase the size of nanowires earlier, due to enhanced adatom diffusion length of Ge atoms. 
Similarly, at low growth rate, larger size of QDs results from the lower growth rate. Furthermore, 
as the QDs are capped after 10 nm of growth, the QDs are not able to branch due to the process of 
shuttering. NWs branch as growth proceeds which leads to accommodation of strain energy 
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elastically at the cost of surface energy; for Ge QDs, the process is restricted as a consequence of 
capping which leads to the buildup of strain energy which is relaxed plastically through the 
formation of stacking faults as seen in X-TEM micrographs and Raman spectrum. Thus, Ge QDs 
and Ge NWs at the same growth conditions accommodate the high tensile strain differently, with 
Ge NWs branching as the growth proceeds and Ge QDs plastically relaxing the strain via formation 
of stacking faults due to the process of capping.  
In conclusion, this chapter shows the first demonstration of tensile strained Ge QDs grown using 
phase segregation in MBE. The QDs, at similar growth conditions, exhibit 10× lower density as 
compared to Ge NWs, with a bigger size and anisotropy along the [11̅0] direction. Raman 
spectroscopy shows similar strain of 3.6% in both Ge QDs and Ge NWs. Ge QDs show strong 
dependence of Raman peak intensity on the direction of polarization of incident laser due to the 
presence of structural anisotropy. Ge NWs do not show such a behavior due to lack of anisotropy 
because of branching which helps relax the strain energy elastically at the cost of surface energy. 
Ge QDs show plastic strain relaxation at low growth rates by formation of stacking faults, as Ge 
QDs cannot branch due to the process of capping 10 nm QDs by InAlAs spacer layers. PL spectrum 
shows that at same growth conditions, QDs show a 4× intense optical emission compared to Ge 










 GROWTH, CHARACTERIZATION AND POST-GROWTH 
ANNEALING OF InP QUANTUM DOTS ON GaAs AND Si 
 
 
Visible QD light emitters in the visible and near-infrared regime can have a host of applications 
including optogenetics, pump sources for Cr:LiSAF tunable lasers and phototherapy [52, 53]. Red-
emitting InP QDs on Si can also serve as the active region in micro-scale LEDs due to the low 
surface recombination velocity of InP and quantum confinement offered by the dots which reduces 
carrier diffusivity to the surface [54, 55].  This chapter describes the process of calibration and 
growth of InP QDs using MBE. Section 4.1 discusses the structural and optical properties of 
AlGaInP DH, InGaP QW grown on GaAs. Once the structures are calibrated on GaAs, in Section 
4.2. We used the calibration structures described in Section 4.1 to grow InP QDs and InGaP QW 
on GaAs and Si to analyze the dislocation tolerance of the emitters. Section 4.3 describes the effect 
of annealing on the structural and optical properties of InP QDs grown on both GaAs and Si 
substrate. 
The design of QD PL emitters involves a single layer of QD surrounded by a high bandgap matrix 
to enhance the confinement and carrier blocking layers to minimize surface recombination. Bulk 
InP has a bandgap of 1.34 eV; we utilized a 2.1 eV AlGaInP barrier lattice matched to GaAs as a 
high bandgap barrier material. Under optical injection, most of the carriers are generated in the 
AlGaInP matrix and recombine in InP QDs due to the high band offset between the barrier and 
InP QD active region. The high band offset between AlGaInP and InP leads to high confinement 
within InP QDs, ensuring emission at short wavelengths and reduction in the number of excited 
states contributing to QD emission. For device applications, a higher band offset reduces the 
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thermal escape of carriers from the QDs to the barrier which is crucial for operation at elevated 
temperature. 
The active region of InP QD PL structure consists of a dot-in-a-well (DWELL) design with InP 
QDs buried by InGaP QW lattice matched to GaAs. A QDWELL design provides two advantages: 
(1) improved carrier transfer into the QDs and (2) reduced composition intermixing between the 
barrier and QD layers. InGaP QW has a bandgap and composition intermediate of InP QDs and 
AlGaInP matrix, thus the planar QW aids with efficient carrier transfer from the matrix to the QD 
islands, improving the radiative recombination inside the QDs despite the finite density of the 
QDs. The typical thickness of the QD layer lies between 2-7 ML. Slight composition intermixing 
between the matrix and QD layer at growth temperature can cause a decrease in confinement and 
blue-shift the QD emission. The QW grown between the QD and matrix layer has a composition 
in between both the layers, mitigating an abrupt change in the composition and reducing 
intermixing. We used InP QDs sandwiched in an AlGaInP matrix and buried by the InGaP QW to 
improve carrier transfer into the QDs and reducing Ga intermixing forming an InP QDWELL 
structure.  
 
Figure 21: (a) Schematic of calibration structure for AlGaInP matrix doped with Si. (b) 




4.1 Calibration growths for InP QD luminescence structure 
 
For the growth of full InP QD emitter, each layer was individually calibrated for structural 
characteristics including composition and morphology, along with optical characteristics including 
bandgap and emission intensity. Before the growth of InP QDs, a series of experiments were 
conducted to benchmark the emission intensity as a function of increasing confinement including 
the AlGaInP DH and InGaP QW. Furthermore, the composition and bandgap of the AlGaInP layer 
were calibrated using a bulk AlGaInP epitaxial structure. This section describes the calibration 
process for growth of InP QD PL structure.  
AlGaInP is quaternary semiconductor; the bandgap and lattice constant can be independently 
tuned. We calibrated 2.1 eV AlGaInP lattice matched to GaAs to ensure a type-I band offset 
without nucleation of defects. We used the data available from prior AlGaInP tri-layer growth to 
extrapolate the fluxes needed for desired bandgap and lattice constant. Figure 21(a) shows the 
calibration structure consisting of 150 nm unintentionally doped (UID) GaAs grown on              
 
Figure 22: (a) Reciprocal space map of bulk n-AlGaInP calibration sample showing slight lattice 
mismatch between AlGaInP and GaAs substrate; (b) PL spectrum of bulk n-AlGaInP showing 




semi-insulating (SI) GaAs (001) substrate, followed by 500 nm AlGaInP doped with 1×1018 cm-3 
Si, grown at 480⁰C with a V/III ratio of 15 at 0.5 µm/hr. The film was doped to observe room-
temperature PL. The structure was then capped with 10 nm of UID-GaAs to prevent Al oxidization. 
The RHEED for all the layers showed streaky 2×4 reconstruction which is indicative of planar 
growth. Figure 21(b) shows that a smooth surface with a typical “orange-peel” roughness was 
observed after growth under Nomarski microscope. 
Figure 22(a) shows an asymmetric reciprocal space map (RSM) of the AlGaInP calibration 
structure showing an intense GaAs substrate peak with a slightly lattice-mismatched AlGaInP 
shoulder peak. Calculations show 49.5% In content in AlGaInP, 1% higher than designed. Figure 
22(b) shows the PL spectrum of AlGaInP calibration structure, with peak emission at 2.1 eV 
matching the design. The deviation in composition was adjusted in the next growth of AlGaInP 
DH while still maintaining the bandgap, by adjusting the group III and group V fluxes. 
Morphology of AlGaInP was observed to be very sensitive to the growth temperature. Structures 
grown at temperature greater than 480⁰C developed roughness and showed poor optical quality 
 
Figure 23: (a) Schematic for undoped AlGaInP DH grown as a reference sample for comparing 
optical properties of quantum emitters; (b) Nomarski microscope image showing smooth surface 




Based on bulk AlGaInP calibration growth, we designed the growth of AlGaInP DH (Fig. 23(a)) 
to define a benchmark for the InGaP QW and InP QD PL structure morphology and optical 
properties. The AlGaInP DH structure consisted of 150 nm UID-GaAs buffer grown at 630⁰C 
followed by 400 nm AlGaInP active region sandwiched between 20 nm high-bandgap AlInP 
carrier blocking layers, grown at 480⁰C with a V/III between 10-15. The structure was then capped 
with 10 nm UID-GaAs to prevent Al oxidation. Like bulk AlGaInP calibration growth, RHEED 
maintained streaky 2×4 reconstruction throughout the growth. Figure 23(b) shows the smooth 
morphology with the typical orange-peel roughness for the AlGaInP DH. 
As mentioned earlier, group III flux was adjusted based on the previous bulk AlGaInP growth. 
Figure 24(a) shows the asymmetric (115) line-scan for AlGaInP DH showing a minimal lattice 
mismatch between GaAs substrate, AlInP and AlGaInP. Figure 24(b) shows the PL spectrum 
showing emission at 2.1eV which matches the design well. Intense PL was observed despite the 
 
Figure 24: (a) HRXRD asymmetric (115) line scan of AlGaInP DH showing close to lattice matched 
AlGaInP and AlInP epilayers on GaAs; (b) PL spectrum of undoped AlGaInP DH showing emission 
at 2.1 eV 
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lack of doping in the AlGaInP layer, due to the carrier confinement provided by the AlInP carrier 
blocking layers. 
 We grew the InGaP QW lattice matched to GaAs to systematically study the effect of increasing 
confinement potential on the luminescence intensity and as a reference benchmark for InP QD PL 
structure. The structure consisted of an 8 nm InGaP QW buried in 200 nm AlGaInP matrix grown 
at 480⁰C. Like AlGaInP DH, we grew 20 nm AlInP carrier blocking layers to reduce surface 
recombination for carriers generated in the AlGaInP barrier upon optical excitation. The structure 
was capped with 5 nm of GaAs to prevent Al oxidation in the AlInP.  During the growth, RHEED 
showed a 2×4 surface reconstruction indicating planar growth. Figure 25(b) shows the Nomarski 
image of InGaP QW structure having the typical orange-peel roughness as observed in the growth 
of bulk AlGaInP and AlGaInP DH; the InGaP QW layer does not introduce any additional 
roughness to the structure.  
Figure 26 shows the symmetric (004) line-scan of the InGaP QW showing the intense substrate 
peak with a shoulder peak due to slight lattice mismatch with AlGaInP as was observed with the 
 
Figure 25: (a) Schematic showing the structure for InGaP QW on GaAs; (b) Nomarski microscope 
image showing smooth surface morphology of InGaP QW grown on GaAs 
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AlGaInP DH. We can observe periodic Pendellosung fringes in the line-scan which arise due to 
re-diffraction of X-rays from the interface between the QW and AlGaInP barrier. 
We used X’pert Epitaxy to simulate the X-ray line scan for determining the thickness and 
composition of InGaP QW. The InGaP QW was simulated to be 8 nm thick with a composition of 
In0.483Ga0.517P. The simulated thickness and composition of the InGaP QW was used to calculate 
the QW transition energy by using the Schrodinger equation with a finite potential given by the 
conduction and valence band offset between InGaP and AlGaInP. The calculated emission energy 
was 1.91 eV for ground state transition and 1.99 eV for the first excited state. Figure 27(a) shows 
the emission spectrum for InGaP QW with ground state peak at 1.91 eV. We also observed an 
excited state emission at 1.99 eV at higher incident power due to a higher quasi-fermi energy level 
 
Figure 26: Experimental HRXRD symmetric (004) line-scan of InGaP QW (blue) and simulated 




splitting leading to population of carriers in the first excited state. Both the ground state and first 
excited state emission energy match well with the finite potential well calculation, which further 
validates the accuracy of the simulated X-Ray line-scans for composition and thickness of the QW. 
We characterized the homogeneity of emission energy across the growth wafer using micro-PL 
with a spot size of 10-50 µm2, as shown in Fig. 27(b). A variation in emission energy of 9 meV 
was observed across 10 cm2 of growth area indicating highly homogeneous epitaxy. 
 
4.2 Growth and characterization of InP QDs on GaAs and GaAs/Si virtual substrate 
 
As mentioned earlier, we grew the AlGaInP DH and InGaP QW to systematically study the effect 
of increasing confinement on the optical properties and the morphology of P-based light emitters. 
After growing the InGaP QW PL structure, we designed InP QD PL structure; the aim of the 
experiment was to grow InP QDs, InGaP QW and AlGaInP DH on GaAs and GaAs/Si virtual 
substrate. In the next section, we discuss the growth of InP QDs on GaAs and GaAs/Si virtual 
Figure 27: (a) PL spectrum for InGaP QW at 0.5 (blue)- 2W/cm2 (red) pump power showing 
ground state emission at 1.91 eV and first excited state peak at 1.99 eV at higher excitation with 
2.1 eV emission from AlGaInP matrix; (b) 2.4×4 cm Micro-PL map of InGaP QW grown on 
GaAs substrate showing bandgap variation of 9 meV across the wafer 
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substrate and the comparison of dislocation tolerance of optical properties between InP QDs and 
InGaP QW. 
To study the effect of dislocations on the optical properties, InP QDs and InGaP QW were co-
grown in GaAs and GaAs/Si virtual substrate. The GaAs/Si virtual substrate was grown on GaP/Si 
(001) template available commercially from NaAsPIII-V GmbH using a 3.6 µm thick GaAsP step-
graded buffer.as shown in Fig. 28(a). The GaP/Si template consists of a 200 nm n-Si homoepitaxial 
layer followed by a pseudomorphic 45 nm n-GaP initiation layer deposited by metalorganic vapor 
phase epitaxy (MOVPE) on a 300 mm on-axis Si (001) wafer. Figure 28(b) shows HRXRD RSM 
 
Figure 28: (a) Schematic of GaAs/Si virtual substrate grown using GaAsP graded buffer on on-




of GaAs/Si virtual substrate having a smooth grade indicated by a uniform signal intensity from 
the Si to GaAs lattice constant. The GaAs/Si virtual substrate is ~100% relaxed with a surface 
roughness of 3-5 nm. After growth, GaAs/Si virtual substrate was cleaved into smaller pieces 
which were used for growth of InP QDs and InGaP QW along with GaAs pieces of similar size.  
The active region of the QD PL structures (Fig. 29(a)) consisted of 3 ML of InP QDs grown at    
0.2 ML/s buried by 8 nm InGaP QW at 0.5 µm/hr and surrounded on each side by a 200 nm 
AlGaInP barrier; QW PL structures were grown for comparison with the same layer structure 
without the InP QDs (Fig. 29(b)). Lattice-matched AlInP carrier blocking layers were grown 
surrounding the active region to reduce surface recombination losses. A typical MBE growth 
window for phosphide layers was employed with substrate temperature of 480°C and V/III ratio 
of 10-30 while growth rates varied from ~0.2-0.5 µm/hr. As discussed earlier, AlGaInP and InGaP 
 
Figure 29: (a) Schematic of InP QD PL structure grown on Si using GaAsP graded buffer 
with surface QDs for AFM; (b) Schematic of InGaP QW PL structure grown on Si using 
GaAsP graded buffer 
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were calibrated through a combination of high-resolution X-ray diffraction and PL to be lattice-
matched to GaAs with bandgap energies Eg of 2.1 and 1.9 eV, respectively, to provide carrier 
confinement for the InP QDs. The QD samples had an additional layer of surface dots grown on 
top for AFM while the QW samples were just capped by a thin layer of GaAs to prevent oxidation 
of the AlInP carrier blocking layer. In situ RHEED (Fig. 30) was used to observe the surface 
reconstruction and morphology throughout growth. A streaky 2×4 surface reconstruction was 
observed for GaAs homoepitaxy on the GaAs/Si virtual substrates, as well as for the AlInP carrier 
blocking layers and AlGaInP barrier layers, indicating smooth and planar re-growth. During 
deposition of the InP QDs, a spotty RHEED pattern developed after a critical thickness of 1.7±0.2 
ML of deposition, as expected for the Stranski-Krastanov growth mode. The RHEED returned to 
a streaky 2×4 pattern after 3-4 nm overgrowth of the InGaP QW, indicating the recovery of a 
planar surface.  
AFM was used to compare the size and density of InP surface dots on both the GaAs substrate 
(Fig. 31(b)) and GaAs/Si virtual substrate (Fig. 31(a)). A high dot density of 1.3×1011 cm-2 was 
observed for surface dots grown on both substrates with an average height of 4-6 nm and lateral 
 
Figure 30: (a) Streaky 2x RHEED taken during AlGaInP barrier growth; (b) Spotty RHEED 
after InP QD growth 
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size of 20-30 nm; the lateral size on GaAs was slightly larger than on GaAs/Si. The size of the InP 
QDs grown here is similar to InAs QDs on GaAs and Si while the density is significantly higher 
than 5×1010 cm-2 typical for InAs QDs grown on GaAs and Si [56, 57]. A bimodal size distribution 
was observed for InP/AlGaInP surface dots on both GaAs substrate and GaAs/Si virtual substrate 
indicating the need for further optimization of growth conditions for a homogeneous dot 
morphology. 
The g = 004 bright-field XTEM image in Fig. 32(a) shows the full active region grown on the 
GaAs/Si virtual substrate along with the top of the GaAsxP1-x step-graded buffer; the observation 
of a single threading dislocation in XTEM indicates that the TDD is >107 cm-2. Figure 32(b,c) 
shows coherently strained InP QDs with mottled dark contrast capped by a smooth InGaP QW and 
surrounded on both sides by AlGaInP barriers. The smooth interface between the InGaP QW and 
 
Figure 31: AFM of 3ML InP QDs simultaneously co-grown on (a) GaAs/Si and (b) GaAs; Both show 
very high dot density of ~1.31011 cm-2 
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upper AlGaInP barrier confirms that a planar surface morphology was quickly recovered after the 
QD growth, consistent with RHEED observations. The AlGaInP matrix shows faint striations due 
to slight flux non-uniformity of the Al effusion cell and a low rotation rate of 4 rpm that was used 
during the growth. InP QDs grown on GaAs substrate (Fig. 32(b,c)) show nearly identical contrast 
to those grown on GaAs/Si. 
The CL map in Fig. 33(a) shows that the InP QD sample on GaAs/Si had a TDD of 3.3×107 cm-2. 
In comparison, CL map of InP QDs on GaAs (Fig. 33(b)) show essentially no dislocations. The 
density of InP QDs observed in Fig. 31 using AFM is several orders of magnitude greater than the 
TDD in the active region, which indicates that InP/AlGaInP is a promising material system for 
dislocation-resistant emitters on Si. 
Figure 34 shows the room-temperature PL comparison of InGaP QW (red) and InP QDs (blue) 
grown on GaAs (solid) and the GaAs/Si virtual substrate (dashed) at a pump power of 5 Wcm-2. 
We observed that the QW and QDs emit at 649 nm and 713 nm respectively on both substrates, as 
 
Figure 32: (a) Low- and (b) high-magnification XTEM image of InP QD active region on 
GaAs/Si; (c) XTEM of active region on GaAs showing nearly identical morphology; (a)-(b) 
taken with g = 004 and (c) taken with g = 002 two-beam conditions 
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expected. InP QDs also show a second peak at ~678 nm due to the bimodal size distribution shown 
earlier in AFM images. The intensity of the InGaP QW grown on GaAs/Si is ~2× lower than the 
QW on GaAs due to the TDD of 3.3107 cm-2. In contrast, the integrated intensity of InP QDs on 
Si was ~8× higher than the InGaP QW on Si, and even brighter than the InP QDs co-grown on 
GaAs. We believe that the difference in PL intensity of the as-grown InP QDs on GaAs and Si 
may be due to slight temperature differences during growth. 
4.3 Effect of post-growth annealing of InP QDs grown on GaAs and GaAs/Si virtual 
substrate 
 
Rapid thermal annealing (RTA) of MBE-grown phosphide materials at elevated temperatures of 
700-1000°C is known to remove non-radiative point defects [58, 59] and was effective in 
increasing the optical emission of all samples grown here. Prior studies of RTA of InP QDs grown 
in InGaP matrix using MBE were conducted by Eberl et al. The PL of RTA’d InP QDs degraded 
 
Figure 33: CL image of InP QD active region co-grown on (a) GaAs/Si showing TDD = 3.3  107 
cm-2 (dark spots), and (b) GaAs; same scale bar for (a) and (b) 
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by a factor of 2; at modest annealing temperature of 675⁰C, TEM micrographs show a reduction 
in the strain of InP QDs due to interdiffusion with InGaP spacer and matrix layer leading to a loss 
of quantum confinement. However, no report discusses the effect of RTA on InP QDs grown in 
AlGaInP matrix with a QDWELL structure. For InP QDs and InGaP QW on GaAs, the major non-
radiative recombination mechanism under low-excitation is SRH recombination due to the 
presence of point defects. However, for samples on Si, threading dislocations also contribute to 
SRH recombination. The aim of annealing was to reduce the contribution of point defects to SRH 
recombination, in a way that threading dislocations are the primary pathway of non-radiative 
recombination in both InP QDs and InGaP QW on Si. 
RTA was conducted at temperatures of 700-1000°C for 1-300s. After annealing, the optical 
properties were measured using PL; the structural properties were studied using CL for TDD and 
TEM for the cross-sectional morphology of QDs. For the nominally dislocation-free samples on 
 
Figure 34: PL spectra of InGaP QW (red) and InP QDs (blue) co-grown on GaAs (solid) and 
GaAs/Si (dashed); PL is taken from as-grown samples without RTA; InP QDs on GaAs/Si have 
high integrated intensity compared to the InGaP QW on GaAs/Si, showing the dislocation 
tolerance of the QDs 
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GaAs, the integrated PL intensity of both the InGaP QWs and InP QDs increased by about 15 
following RTA. While RTA can remove point defects, it does not lead to any change in TDD in 
CL maps, and therefore the net effect of RTA is to accentuate the higher dislocation tolerance of 
InP QDs over InGaP QWs. Accordingly, the InP QDs on Si after RTA had nearly the same 
integrated intensity as the QDs on GaAs, while the InGaP QW on Si was dimmer than all other 
samples by ~10× (Table 1). As a point of reference, the RTA’d InP QDs on both Si and GaAs are 
the brightest samples ever grown in our lab. Although a direct comparison between disparate active 
region materials is not possible due to discrepancies in reflectance, absorption coefficient, optical 
index, detection efficiency, etc. we nonetheless note that the RTA’d InP QDs on GaAs/Si yield 5 
higher integrated PL intensity over In0.15Ga0.85As/GaAs QWs, which were subsequently used to 
demonstrate low-Jth lasers [60].  
As shown in Table 1, InP QDs on GaAs show an intensity improvement of ~15× after RTA at 
800⁰C for 60 s. The emission wavelength did not show any blueshift indicating low intermixing 
between InP QDs, InGaP QW and AlGaInP matrix; however, RTA of InP QDs on GaAs showed 
an interesting three-regime intensity behavior and a step change in emission wavelength as a 
function of temperature. Figure 35(d) shows the effect of annealing on the emission wavelength 
of InP QDs, showing a two-regime temperature dependent behavior referred to as temperature 
window 1 (TW1) and temperature window 2 (TW2). 
Table 1: Effect of RTA on integrated PL intensity of InGaP QWs and InP QDs on GaAs and 
GaAs/Si substrates; all intensities normalized to the as-grown InGaP QW on GaAs/Si 
 
Sample Integrated PL intensity 
as-grown (arbitrary units) 
Integrated PL intensity 
after RTA (arbitrary units) 
InGaP QW on GaAs 2.3 32.9 
InGaP QW on GaAs/Si 1 3.7 
InP QDs on GaAs 4.3 66.3 
InP QDs on GaAs/Si 8.2 58.7 
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 TW1 refers to annealing temperature < 875⁰C irrespective of annealing time. In TW1, we observed 
no blue-shifting of emission spectrum indicating lack of intermixing between the QD, QW and 
matrix layers. Furthermore, intensity improvements >15x can be observed for the QD emission, 
the dominant process being point defect removal from the active region.  In TW2, corresponding 
to annealing temperatures >875⁰C irrespective of annealing time, an abrupt blueshift of 40 nm was 
observed in the QD emission spectrum. At low annealing times, the blue-shift was also 
accompanied by > 50× increase in the PL intensity, the dominant processes being both removal 
of point defects from the active region and interdiffusion of Al and Ga into the QDs. Composition 
gradient driven interdiffusion is expected to smoothen out the interfaces between the QD, QW and 
matrix material, accompanied by out-diffusion of In from the QDs and loss of quantum 
confinement. Thus, the blueshift observed in TW 2 is not desirable for QD device operation. The 
           
Figure 35: (a-c) XTEM image of InP QDs on GaAs under g=220 diffraction conditions with (a) as-grown 
sample; (b) sample annealed at 800⁰C for 60s (TW1) showing discreet QD strain contrast; (c) sample annealed 
at 950⁰C for 30s (TW2) showing interdiffusion between layers and lack of discreet QD strain contrast; (d) PL 
comparison of as-grown sample with annealing condition in TW1 and TW2 showing an abrupt, temperature 




change in the structural properties of InP QDs on GaAs as a function of annealing temperature is 
shown in Fig. 35(a,b,c). Discreet QD strain contrast can be observed under <220> diffraction 
conditions in TEM for the as-grown and annealed sample in TW1. The <004> TEM micrographs 
show abrupt InGaP/AlGaInP interface, thus preserving the structural quality of the as-grown 
samples. The TEM micrographs of annealed samples in TW1 agree well with the emission 
spectrum showing lack of blueshift. Figure 35(c) shows the <220> TEM micrograph for QD 
structure annealed in the TW2. In TW2, we observed a lack of discreet QD strain contrast in 
comparison to as-grown sample and QDs annealed in TW1. Furthermore, the <004> TEM 
micrographs show a lack of abrupt interface between InGaP/AlGaInP layer due to interdiffusion 
of Ga and Al between the layers. The TEM micrographs of annealed samples in TW2 agree with 
the emission spectrum showing an abrupt blueshift in the emission spectrum due to composition 
intermixing activated at 875⁰C. 
Using RTA, >50× intensity improvements in the PL intensity can be realized in the TW2; 
however, the improvement is accompanied by a degradation in the structural quality of InP QDs 
and blue-shift in the emission spectrum. In RTA, we explored the effect of annealing temperature 
on the optical and structural properties of InP QDs; however, the experiments were limited in terms 
of annealing time from 0.02 min – 5 min. The diffusion of point defects depends on √𝐷𝑡 × 𝑒−
𝐸𝑎
𝑘𝑇, 
where D is the diffusion coefficient, t is the time, Ea is the activation energy, k is Boltzmann 
constant and T is the temperature. With RTA, we explored the “fast” effect of temperature 
compared to the “slow” effect of time on the migration and annihilation of point defects leading 
to an improvement in the emission intensity. With the knowledge of effect of annealing 
temperature on the optical and structural properties of InP QDs, we designed subsequent 
experiments to study the effect of time on the optical emission and structural properties of the QD 
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emitters. We used furnace annealing for time ranging from 10 – 1000 min. Figure 36 shows the 
effect of annealing time on the PL intensity of InP QDs grown on GaAs substrate annealed for 0.1 
min, 30 min and 100 min. 
Relative intensity refers to the emission enhancement of annealed QDs with reference to the as-
grown samples. Figure 36 shows a three-regime intensity behavior irrespective of time, with a 
slow increase in the PL intensity followed by a rapid increase over a short temperature range due 
to removal of point defects, at temperature higher than the optimum annealing temperature, the PL 
intensity decreases rapidly afterwards. A similar behavior was observed for samples subjected to 
RTA. The decrease in the PL intensity could be due to creation of antisite defects due to vacancy 
migration. Apart from the three-regime intensity behavior, it can be observed similar intensity 
improvements can be achieved with control over time even at lower temperatures, which was not 
observed in RTA experiments due to limited time window.  
 
Figure 36: Effect of annealing on enhancement of PL intensity of InP QDs grown on GaAs 
relative to unannealed sample; similar intensity improvement compared to RTA can be achieved 




In conclusion, InP QDs grown using MBE on GaAs lattice constant possess a high density of point 
defects contributing to non-radiative recombination of carriers. Annealing can be used to improve 
the emission intensity; however, three processes are activated upon heating the QDs. The three 
processes include: migration and annihilation of point defects such as vacancies, interdiffusion of 
group III elements and creation of point defects such as antisite defects. A precise control over the 
three processes can be achieved by controlling the annealing temperature and time. For shorter 
anneals, e.g. by using RTA, the process of migration and annihilation of point defects is activated 
simultaneously with the interdiffusion of group III elements leading to a blueshift in emission 
spectrum accompanied by a high increase in the emission intensity of >50×. As interdiffusion of 
group III elements is a temperature activated process while migration and annhilation of point 
defects is both time and temperature dependent, we used control over time to isolate both the 
processes. Low temperature furnace annealing can be utilized to prevent the activation of 
interdiffusion while still promoting the point defect migration and annihilation. The third process, 
the creation of point defects, is activated like annihilation of point defects and thus occurs at low 
 




temperatures at longer times and can thus be isolated from annihilation of point defects through 
control over annealing temperature. 
Using the understanding of effect of annealing on the structural and optical properties of InP QDs 
on GaAs, we designed annealing experiments for InP QDs on Si. The annealing temperatures were 
slightly adjusted due to different thermal conductivity and substrate thickness of Si compared to 
GaAs. Figure 37 shows the comparison of optical properties of the best InP QD samples after RTA 
on GaAs and Si. Both samples show similar PL intensity despite the presence of 3.3×107 cm-2 
dislocations in samples on Si, showing the high dislocation tolerance of QDs on Si. The highest 
intensity improvement for InP QDs on Si was observed for sample annealed at 950⁰C for 30 s. For 
samples on GaAs, the same annealing condition led to immense compositional intermixing 
accompanied by a blue-shift in the PL spectrum. However, samples on Si did not show a blueshift 
at 950⁰C for 30s.  
 
Figure 38: XTEM image of InP QDs on GaAs under g=220 diffraction conditions with (a) as-




Figure 38 shows the comparison of structural properties of as grown and InP QDs subjected to 
RTA using TEM under <220> two-beam diffraction condition. TEM shows a similar QD strain 
contrast after RTA at high temperature on Si; furthermore, the TEM shows no nucleation of new 
lattice defects such as dislocations. No change in TDD was also observed using CL for RTA’d InP 
QDs on Si. The <004> two-beam diffraction imaging under TEM shows abrupt InGaP/AlGaInP 





















CONCLUSION AND FUTURE WORK 
 
 
This thesis presented new experimental results about novel visible and near-infrared materials 
grown on InP, GaAs and Si. In the first part of the thesis, Ge QDs were grown on InAlAs matrix 
using surface mediated phase segregation in MBE. The structural and optical characteristics of Ge 
QDs were compared to Ge NWs phase segregated in InAlAs. Both Ge NWs and QDs show an 
abrupt onset of phase segregation. However, despite the same growth conditions, Ge QDs show a 
lower density, larger size and presence of anisotropy along the [11̅0] direction compared to Ge 
NWs. The difference occurs due to the strain relaxation process of Ge QDs and NWs; Ge QDs are 
capped and thus bigger size QDs relax the stain energy plastically through formation of stacking 
faults. On the other hand, the growth of Ge NWs is continuous, and strain is relaxed elastically 
through branching as the growth proceeds on the cost of surface energy. The emission of Ge QDs 
is 4X stronger and blue shifted compared to Ge NWs indicating a higher degree of quantum 
confinement, however the effect is convoluted with the presence of inhomogeneous broadening 
and variation in the geometry and hence the quantum confinement in all three dimensions. Future 
work for the growth of Ge nanocomposites lies in the study of phase segregation through structural 
characterization of Ge in other III-V materials such as binary compound semiconductor InP and 
matrices allowing the incorporation of higher strain such as GaSb. We also imagine growing Ge 
QDs via Stranski-Krastanov growth mode with growth of Ge following the growth of InAlAs 
matrix instead of co-deposition and comparing the structural and optical properties with QDs 
grown via phase segregation.  
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The second part of the thesis discusses the growth of visible InP QDs on GaAs and Si substrate to 
study the dislocation tolerance of the quantum emitters in comparison to InGaP QWs grown on 
GaAs and Si. QD and QW samples were co-grown on GaAs and GaAs/Si templates, with GaAs/Si 
templates grown using GaAsxP1-x (GaAsP hereafter) graded buffers. InP QDs grown on GaAs/Si 
virtual substrate show an identical size and morphology compared to InP QDs grown on GaAs. 
The QDs have density of 1.3X1011 cm-2, which is 4 orders of magnitude greater than the TDD of 
3.3X107 cm-2. In comparison, growth on GaAs substrate did not show the presence of dislocations. 
Despite the high dislocation density, InP QDs grown on Si show a similar PL intensity in 
comparison to InP QDs grown on GaAs. In contrast, InGaP QW grown on Si show 10× lower PL 
intensity indicating the low dislocation tolerance. We studied the effect of annealing on InP QDs 
grown on GaAs, annealing at lower temperature for longer time can lead to up to 50× improvement 
in the PL intensity due to reduction of non-radiative recombination centers in the active region. 
Future work involves a systematic study of dislocation tolerance of InP QDs compared to InGaP 
QW at high TDD. Furthermore, we want to explore the wavelength tunability of InP QDs by 
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